FULL CRITICAL REVIEW
Microstructural evolution and high

temperature failure of ferritic to austenitic
dissimilar welds

J. N. DuPont*

Dissimilar metal welds between ferritic and austenitic alloys are used extensively in power plants.
Premature failure of such welds can occur below the expected creep life of either base metal. This
article reviews microstructural evolution in dissimilar welds and describes factors that contribute
to premature failure. The microstructure in the as welded condition consists of a sharp chemical
concentration gradient across the fusion line. Martensite forms within this gradient due to high
hardenability and rapid cooling rates from welding. Upon aging, carbon diffuses down the
chemical potential gradient from the ferritic steel toward the austenitic alloy. This can lead to
formation of a soft carbon denuded zone in the ferritic steel, and nucleation and growth of
carbides in the austenitic steel that produce high hardness. These differences in microstructure
and hardness occur over distances of about 50-100 um. Failure is attributed to the steep
microstructural and mechanical property gradients, the large difference in coefficient of thermal
expansion, formation of interfacial carbides that promote creep cavity formation, and preferential
oxidation of the ferritic steel. Information is also provided on available creep rupture properties,

remaining life estimation techniques, current best practices and research in progress.
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Introduction

Dissimilar metal welds (DMWs) between ferritic low
alloy steels and austenitic alloys are commonly used in
fossil and nuclear power plants. The less expensive low
alloy steels are used in the low temperature regions of the
plant, while the higher temperature regions require the
superior corrosion resistance and greater creep strength
of more expensive austenitic alloys. There can be
thousands of DMWs in a single plant. Experience to
date has demonstrated that failures of DMWs can occur
prematurely at service times below the expected creep life
of either base metal and well below the design life of the
plant. The failure time depends on a wide range of factors
related to service conditions, welding parameters, and
alloys involved in the DMW. The failures can generally
be attributed to large differences in chemical composi-
tion, coefficient of thermal expansion (CTE), and creep
strength between the two alloys. Premature failure can
result in forced plant outages that can cost a power
company up to $850 000/day in lost revenue.' Several
important changes have been made in the design and
fabrication procedures of DMWs that significantly
improve service life. These include improved weld designs
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and selection of better filler metals along with the use of
transition joints that help reduce CTE mismatch.
However, failures still often occur in unacceptable time
frames and can have a serious impact on plant efficiency
and availability.

The problem of premature DMW failures will continue
to be a concern in the future due to two factors. First,
many existing plants are nearing or have past their
original design life. The large cost associated with
construction of new plants has resulted in life extension
programs that will push the operation of many plants well
beyond their original design life. This will require life
extension of existing DMWs, as well as installation of
new DMWs as older joints fail and require replacement.
In addition, new fossil and nuclear plants are being
designed to operate at higher temperatures and pressures
for improved efficiency. The improved efficiency is driven
by the need to conserve fuel sources and minimise
environmental impact. In terms of fossil fired plants,
new designs in so called ultrasupercritical plants are being
considered that will operate at elevated steam tempera-
tures and pressures of 760°C and 35 MPa respectively.”
The US Department of Energy is also funding research
and development of a new nuclear plant that involves the
use of a high temperature gas cooled reactor’ that
operates at higher temperatures than those currently in
the USA. In the proposed system, alloy 800H is expected
to be used for the superheater section, and 2-25Cr—1Mo
steel is expected to be used for the evaporator—economiser
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1 Schematic illustration of four distinct microstructural
zones that exist in dissimilar welds

section. Dissimilar metal welds will be needed to join
these two materials. Thus, considering these factors, there
is still considerable interest in understanding the factors
associated with DMW failures and developing techniques
for improving their performance.

The overall objective of this article is to review factors
associated with premature failure of DMWs operating at
elevated temperatures and identify methods for extending
their life. The review focuses primarily on welds involving
2-25Cr—1Mo steel as the ferritic component, since these
joints are of primary importance for a large range of
applications. Both iron base stainless steels and nickel
base alloys are considered, since both have been used as
the austenitic component of DMWs. It should be noted,
however, that the majority of concepts are broadly
applicable to a wide range of ferritic to austenitic
dissimilar alloy combinations. The review begins with a
description of microstructural evolution that occurs
around the interface between ferritic and austenitic
materials in both the as welded and aged conditions.
The failure mechanism of DMWs operating at high
temperatures is then reviewed, followed by an assessment
of the creep rupture behaviour of DMWs relative to
2:25Cr—1Mo steel base metal and welds. The effect of
aging on the mechanical properties of the filler metal that
is most commonly used for DMWs is also considered.
Techniques for remaining life assessment are then
discussed. The review concludes with a description of
research currently in progress for improving the perfor-
mance of DMWs and suggestions for future research.

Microstructural evolution

As welded condition

Welds made between two dissimilar alloys will generally
consist of four distinct microstructural zones as shown
schematically in Fig. 1. The fusion zone is the region
where complete mixing occurs between the two base
metals and (if used) the filler metal. There is considerable
fluid flow that occurs in the weld metal, while in the
liquid state that is driven by a variety of sources,
including differences in density and surface tension
along with impingement from the high temperature
plasma.* Thus, the composition within the fusion zone is
generally macroscopically uniform due to this rather
aggressive mixing that occurs before solidification.
However, within the fusion zone, there is a stagnant
boundary layer near the partially melted base metal
where mixing between the base metal and filler metal is
incomplete. A partially mixed zone (PMZ) forms in this
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2 Distribution of major alloying elements in PMZ of dis-
similar weld between 2-25Cr—1Mo and alloy 800H: zero
point in figure is arbitrary

small region in which the composition gradually changes
from that of the fusion zone to that of the base metal.
The composition gradients associated with the PMZs of
DMWs are particularly important in terms of micro-
structural evolution and resultant service performance.
They are discussed in more detail below. Near the PMZ
will be a region where the actual temperature during
welding was between the liquidus and solidus of the
base. This region will exhibit various degrees of
liquation that can often be observed microstructurally
(e.g. localised melting of secondary phases), but the
composition in this region is identical to the base metal,
since no mixing occurred with the filler metal. The heat
affected zone (HAZ) consists of the region within the
base metal where the actual temperature is below the
terminal solidus temperature of the alloy, but above the
temperature at which solid state transformations will
occur.

The distribution of major alloying elements in the PMZ
of a dissimilar weld between 2-25Cr—1Mo and alloy 800H
is shown in Fig. 2° as an example. This weld was
fabricated using the shielded metal arc welding process
with Inconel 182 electrode. The chemical compositions of
typical high temperature materials discussed in this
review are provided in Table 1. The region of partial
mixing that occurred before solidification is clearly
observed as a transition in composition between the
2:25Cr—-1Mo base metal and the fusion zone. Similar
composition profiles are available in the literature for a
wide range of dissimilar alloy combinations®® and
demonstrate that a PMZ of finite width always forms,
regardless of the alloys involved and welding parameters
utilised. The actual width of the PMZ depends on welding
variables such as heat input and filler metal feed rate.’
Under most welding conditions, the size of the PMZ is
very small (<100 pm) in relation to the width of the
fusion zone. However, PMZs as large as 2-3 mm have
been observed under very high filler metal feed rate
conditions.”

As shown by Fig. 2, the Ni content in the PMZ will
decrease from the fusion zone toward the low alloy steel

Table 1 Chemical compositions of typical high temperature
materials (Wt-%)



3 Schaeffler diagram used for prediction of microstructure
in ferritic, austenitic and dissimilar welds: line on figure
represents change in composition within PMZ for weld
made between alloy 800 and 2-25Cr-1Mo steel; note that
composition of alloy 800 is outside diagram

base metal. A point will eventually be reached where the
Ni content is too low to stabilise the austenite during
cooling to room temperature. In addition, the relatively
high alloy content within this zone promotes high
hardenability. As a result, martensite will form under
even the slowest cooling rate conditions associated with
fusion welding. This can be understood with reference to
the Schaeffler diagram shown in Fig. 3.* This diagram
reveals the microstructural constituents that form in
welds of alloy steels and stainless steels under cooling rate
conditions typical of arc welding. Use of the diagram is
appropriate for interpreting microstructural formation in
the PMZ of dissimilar welds, since the composition in this
zone falls within the experimentally verified regions of the
diagram. This is shown in Fig. 3 by plotting the Ni and Cr
equivalents for alloy 800H and 2-25Cr—1Mo steel directly
on the Schaeffler diagram. Since the PMZ will consist of
all compositions that connect these two points, the PMZ
has to traverse through a martensitic region. Similar
results are expected and have been verified for DMWs
made between other steels and austenitic alloys (i.e.
stainless steels and nickel base alloys).®%?

Examples of the martensite layers that form within the
PMZ of dissimilar welds between ferritic steel and
stainless steel, as well as ferritic steel and Ni base alloy
are shown in Fig. 4.° As shown by the photomicrographs
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in Fig. 4, the use of Ni base filler metals will result in the
formation of a thin martensite layer at the fusion line,
while the martensite layer that results from the use of
stainless steel filler metals is relatively thick. Recent work®
has shown that this difference is attributed to the
variations in concentration gradients that exist in the
PMZ between the two types of filler metal. The black
vertical line in each photomicrograph of Fig. 4 represents
the locations of composition traces acquired with electron
probe microanalysis. The variation in martensite layer
widths is readily evident from these figures. The
martensite layer in the 309L weld was 30-37 um in
thickness, while that in the IN625 weld was only 1-3 um
in thickness.

The variation in major alloying elements (Fe, Ni and
Cr) across the fusion lines of the welds is shown in
Fig. 5. The composition gradient is steeper for the weld
prepared with IN625 filler metal, because of the increase
in nominal Ni content and decrease in nominal Fe
content compared to the weld prepared with 309L
stainless steel. The composition gradients produce a
variation in the martensite start temperature M across
the fusion line, and the differences in composition
gradients and resultant M, gradients between the two
welds can be used to explain the observed variation in
martensite widths. Using the measured values for Ni, Cr
and Mo along with estimated values of C and Mn, the
variation in M, across the PMZ was determined.
Figure 6 shows the results of M; calculated from the
composition profiles according to the expression pro-
vided by Gooch [6] in which M, (°C)=540-497%C +
6-3%Mn +36-3%Ni + 10-8%Cr +46-6%Mo (all values in
weight per cent). The two curves on each plot represent the
highest and lowest possible M based on the range in
dilution that was experimentally determined within the
PMZ. The martensite layer within the PMZ should begin
near the start of the composition gradient near the carbon
steel base metal and end at a location where the M,
intersects room temperature. The exact start and end
locations cannot be known with a high degree of certainty,
since this will depend on the local hardenability (as
determined by local composition) and local cooling rate.
However, comparison of the M gradient plots in Fig. 6
clearly shows that a thinner martensite layer is expected in
welds prepared with Ni base filler metals. This can be
attributed to the higher concentration gradient within the
PMZ (due to higher Ni concentration), which, in turn,

4 Light optical photomicrographs showing examples of martensite layers that form within PMZ in dissimilar welds
between ferritic steel and a 309L stainless steel filler metal and b alloy 625 filler metal: samples were electrolytically

etched using 90 mL methanol/5 g FeCl/4 mL HCI solution
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a weld between ferritic steel and 309L stainless steel filler metal; b weld between ferritic steel and alloy 625 filler metal
5 Variation in major alloying elements (Fe, Ni and Cr) across fusion lines of welds shown in Fig. 4

stabilises the austenite at a shorter location from the fusion
line within the PMZ.

According to Fig. 6, the martensite layer should be
approximately 35-39 um for the weld prepared with 309L
filler metal and approximately 2-3 pm in the weld
prepared with the IN625 filler metal. These values compare
reasonably well with those measured at the location of the
microprobe trace for each weld in Fig. 4, ~34 pm for
309L and ~3 pm for IN625. It should be noted that the
exact width of the martensite layer can vary within a given
weld due to local variations in the composition gradient
(due to local variations in fluid flow behaviour) and local
differences in cooling rate. In addition, variations in fluid
flow behaviour are expected when changes are made
to processing parameters. The objective of the results
presented here is not to predict the size of the martensite
layer within a given weld or with variations in processing
parameters, but to demonstrate why significant differences
exist between the widths of martensite layers in welds
prepared with Ni base and Fe base alloys.

Figure 7 illustrates the large differences in hardness
that develop near the interface in DMWs.? The example
shown is for a DMW between 2-:25Cr—1Mo steel and a

309L stainless steel, but similar trends have been observed
for welds made between many other weld combinations.
Note that the hardness in the 2-25Cr—1Mo steel decreases
from ~300 to 227 HV near the fusion line. The slight
reduction in hardness is attributed to carbon diffusion
from the high C ferritic steel to the low C stainless steel
and is discussed in more detail in the next section. This
effect can be observed microstructurally in Fig. 7, since
there is less carbide (dark etching constituent) near the
interface where the C content and associated hardness are
low. There is then a large increase in hardness to 435 HV
over a very short distance, and the high hardness is
associated with formation of the martensite layer. It has
recently been suggested'® that martensite formation can
be avoided in DMWs by careful control over the welding
parameters so that the cooling rate is low enough to avoid
martensite formation within the concentration gradient
of the PMZ. Unfortunately, no detailed microstructural
information was provided to support this claim, and this
is not consistent with the large body of experimental
evidence™**!!16 that clearly shows that martensite will
always form under the combination of composition and
cooling rate associated with practical welding conditions.

6 Variation in martensite start temperature Ms; across PMZ for a weld between ferritic steel and 309L stainless steel filler
metal and b weld between ferritic steel and alloy 625 filler metal: martensite start temperatures were calculated based
on composition: equation used to calculate Ms are referenced in text
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7 Differences in hardness that develop in as welded con-
dition near interface for weld between 2-25Cr-1Mo steel
and 309L stainless steel

Microstructural evolution during aging
and post-weld heat treatment (PWHT)

The concentration gradient within the PMZ, together with
large differences in C solubility and diffusivity between the
ferritic and austenitic alloys, leads to significant micro-
structural changes during PWHT and aging in service.
Figure 8 shows the microstructure and hardness variations
that exist in DMWs involving 2-:25Cr—1Mo steel with
stainless steel and Ni base filler metals after a PWHT is
applied.” Figure 7 (as welded condition) can be compared
directly with Fig. 8 (PWHT condition), since these figures
are from the same study. Note that the hardness
differences are now pronounced even further, with the
minimum hardness of the 2-:25Cr-1Mo steel decreased to
134 HV (compared to 227 HV in the as welded condition)
and the maximum hardness in the PMZ increased to 487
(compared to 441 HV in the as welded condition). The
hardness gradient for the weld made with the Ni based
filler metal appears to be smaller compared to that
observed for the weld made with the stainless steel filler
metal. This trend has been observed by several investiga-
tors and reported to be a potential advantage of Ni base
filler metals.'' '*'7 However, as discussed above, welds
made with Ni base filler metals exhibit sharper concentra-
tion gradients than those prepared with stainless steel filler
metals. As discussed in more detail below, the large

COLOUR

ONLY
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differences in hardness are associated with a thin layer of
carbides that precipitate within the concentration gradient.
The carbide layer is expected to be very thin when the
concentration gradient is steep, and the microhardness
measurements may not have sufficient resolution to detect
the locally high hardness associated with the thin carbide
layer that forms in welds made with Ni base filler metals.
Note that a dark etching band also appears at the end of
the PMZ after application of a PWHT.

Measurements of C concentration profiles within the
PMZ are difficult due to its low atomic number and low
concentration. However, it is readily evident that the C
concentration profile in the as welded condition will look
similar to that of Fe shown in Fig. 2, since the C content
of the ferritic steel is typically higher than that of the
austenitic alloy. Thus, there is a C concentration gradient
that is high in the ferritic alloy and decreases toward the
austenitic alloy. At elevated temperatures, C will diffuse
down the chemical potential gradient. In view of this, it is
important to note that Cr lowers the chemical potential of
C,>!8 and the Cr level increases from the ferritic side to
the austenitic side of the interface. Thus, the C and Cr
concentration gradients produce a rather sharp C
chemical potential gradient across the interface. Further-
more, the diffusivity of C in ferrite is significantly higher
than in austenite, and the solubility is significantly lower.
As a result of these factors, there is a strong driving force
for C to diffuse from the ferritic alloy to the austenitic
alloy. This produces a decarburised layer in the ferritic
side that accounts for the significant reduction in
hardness. Carbon migration has been shown to be an
important component of DMW failures and has received
much attention in the literature.'® ?* This is discussed in
more detail in a later section.

Note from Fig. 7 that some decarburisation can also
occur during the welding operation. Although C diffusion
also occurs in welds made with Ni base alloys, the
problem is substantially reduced to the point where a
decarburised layer is very small or not observed at all on
the ferritic side of the joint.>!"!3>*2% Carbon diffusion
towards the austenitic alloy side of the joint also leads to a
C enriched region just inside the fusion line. An example
of this is shown from examination of a service exposed
weld in Fig. 9.7 Just beyond the interface, on the
austenitic side of the fusion line, the C concentration is
significantly enriched to the point where the solubility
limit of C in austenite is exceeded. This leads to formation
of carbides within this region. Transmission electron

8 Microstructure and hardness variations that exist in weld involving 2-25Cr-1Mo steel with a 309 stainless steel after
PWHT of 720°C for 10 h and b ERNiCr-3 filler metal after PWHT of 690°C for 30 h
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9 Carbon concentration profile across fusion line of ser-
vice exposed weld made on reheater piping (operating
at 540-565°C) with 2-25Cr-1Mo steel and Inconel filler
metal

micrographs of carbon replicas showing an example the
carbides that form in this zone are provided in Fig. 10.°
Detailed microstructural characterisation studies’~®2*
have shown that these are M,3Cg and MC carbides.
Figure 11° shows the variations in microhardness
across the interfacial region of a weld made between
2-:25Cr-1Mo steel and alloy 800H in the as welded
condition, after application of a PWHT at 700°C for 1 h,
and after creep testing at 150 MPa/550°C (with a
corresponding failure time of approximately 1000 h).
This weld was made with Inconel 182 filler metal. The
interface position is noted in the figure. The high hardness
in the 2-25Cr-1Mo steel HAZ directly after welding is
attributed to formation of martensite in this region. Note
that the HAZ hardness is decreased considerably after
PWHT. However, a highly localised hardness peak
evolves just inside the interface on the fusion zone side
of the weld, and this peak hardness increases after creep
testing. The localised increase in hardness that occurs
with increased aging time is associated with nucleation
and growth of the carbides in the PMZ that occurs due to

325 1 & AS-WELDED
O PWHT-873 K/1h
O CREEP TESTI
150 MPa
=>
I 2754
)]
w
[
[
O 2251
| -
O
i
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O 1754
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CONEL v FINE- 1 [
WELD || | GRANED | et INTERCRITICAL
125 META'L : j'BAlNF[E '1 . i' . .
-2-10 1 2 3 4 5 6 7 8

Distance, mm

Variations in microhardness across interfacial region of
weld made between 2-25Cr-1Mo steel and alloy 800H in
as welded condition, after application of PWHT at 700°C
for 1 h, and after creep testing at 150 MPa/550°C (with
corresponding failure time of ~1000 h)

C diffusion. Figure 12 compares hardness differences in
welds involving 2-25Cr—1Mo steel with Inconel 182 filler
metal (Fig. 12a) and 316 stainless steel filer metal
(Fig. 12b).” Results are shown for the PWHT condition
(700°C/3 h) and after aging at 580°C. The expected
hardness peaks just inside the interface are observed.
However, note that the weld made with the 316 stainless
steel filler metal also shows a significant decrease in
hardness on the 2-:25Cr—1Mo side of the weld. Such a
hardness trough is not observed in the weld made with the
Inconel 182 filler metal.

Gittos and Gooch? have demonstrated that the
application of a PWHT can also cause increases in
hardness due to formation of virgin martensite on cooling
from the PWHT temperature. This can be understood
with reference to Fig. 13, which shows the variation in
composition in the as welded and PWHT condition. The

10 Transmission electron micrographs of carbon replicas showing carbides that form in weld between 2-25Cr-1Mo steel

and 309 stainless steel after PWHT of 690°C for 30 h
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12 Microhardness profiles in welds involving 2-25Cr-1Mo steel with a Inconel 182 filler metal and b 316 stainless steel
filler metal after PWHT at 700°C for 3 h and after aging at 580°C

diffusion rates of substitutional alloying elements are
generally too low to promote composition changes during
PWHT and aging.*® Thus, the C content is the only one
which will change near the interface after exposure to
high temperatures at times typical of PWHT. M is also
shown at several locations within the transition region for
the as welded and PWHT condition. These values were
estimated from the measured composition gradient. Also
noted is the approximate position at which the Ac; (i.e.
temperature at which ferrite transforms to austenite on
heating) is 550°C. This figure is not meant to be exact, but
to provide a general description of how the concentration
gradient and C migration affect the transformation
temperatures. The Ac¢; temperature generally decreases
with increasing alloying additions. Thus, as shown in
Fig. 13, for most PWHT temperatures (which are
approximately 600-700°C), a portion of the PMZ will
be re-austenitised during the PWHT, because the Ac; is
lower than the PWHT temperature. Furthermore, C
migration will lead to extensive formation of Cr rich
carbides, which reduces the amount of Cr in solution.
This raises M, within this region and also causes virgin
martensite to form on cooling from the PWHT.

It is now recognised'*'>!731"33 that two distinct carbide
morphologies will evolve in DMWs during aging.
Examples of these are shown in Fig. 14 for IN182 filler

metal used to join 2-:25Cr—1Mo steel to 316 stainless steel.
Type I carbides (Fig. 14a and b) are the ones most
frequently observed. These form very close to the fusion
line (~1 um) in the HAZ of the ferritic steel. These
carbides initially form with a spherical shape, but gradually
acquire a lenticular morphology and can eventually form
regions of continuous or semicontinuous carbides as they
grow and coalesce. Examples of this morphological change
are shown by the photomicrographs in Fig. 14a (aged at
625°C for 2000 h) and Fig. 14b (aged at 625°C for 6000 h).
The type II carbides (Fig. 14c) generally form as a wide
band and are associated with the martensite region that
forms within the PMZ.

As discussed in more detail in the next section,
examinations of service and laboratory induced
failures'*!*17*13* have shown that premature failure of
DMWs made with Ni base filler metals is associated with
formation of creep cavities around the type I carbides.
Thus, the nucleation, growth and morphological changes
that occur in type I carbides have received considerable
attention, and several Kkinetic studies have been
reported.'**>*® Most recently, Parker and Stratford
provided a detailed study of the growth rate and change
in morphology of type I carbides that occur in the
transition region between 2-25Cr—1Mo steel and Inconel

182 filler metal.!” The carbide sizes and number densities

13 Schematic illustration of variation in composition in as welded (AW) and PWHT condition for cladding between

2-25Cr-1Mo steel and 309L stainless steel
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a type | carbides that form very close to fusion line in HAZ of ferritic steel after 2000 h at 625°C; b type | carbides that
form very close to fusion line in HAZ of ferritic steel after 6000 h at 625°C; c type Il carbides that form as wide band

associated with martensite region

14 Carbide morphologies observed in dissimilar weld during aging for IN182 filler metal used to join 2-25Cr-1Mo steel to

316 stainless steel

were determined on samples aged at 625°C for times up to
6000 h. Samples that were creep tested at temperatures of
590, 605 and 625°C for times between 350 and 8600 h
were also included in the study. Figure 15 demonstrates
how the major and minor axes of the carbides change
with aging time at 625°C. Note that the growth rate of the
major axis is higher than that of the minor axis, which
supports the view that the carbides become elongated
during aging and align themselves along the interface
direction (see Fig. 14a and b). Figure 16 shows the
variation in carbide density as measured by number of
carbides per unit length. Note that the carbide density
increases up to ~2000 h. After this point, the carbides
begin to coalesce due to continued growth, often resulting
in a continuous or semicontinuous carbide network along
the interface. It was also noted that the type II carbides
generally dissolved with increased aging time. The data in
Fig. 15 for aged (i.e. stress free) and creep tested samples
are essentially indistinguishable. Thus, the application of
a stress does not appear to affect the growth rate of the
carbides.

The change in carbide growth dimensions with time
and temperature can be described using the well known
Wagner-Lifshitz expression®”-*®

D*=D?+ Bt (1)

where D is the carbide diameter after some exposure time,
D, is the original carbide diameter, B is a temperature
dependent material constant and ¢ is time. Since the
initial carbide size is small, and taking the temperature

15 Variation in major and minor axes of type | carbides
with aging time at 625°C for weld between 2-25Cr—
1Mo steel and Inconel 182 filler metal
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dependence of B into account, the carbide diameter can
be expressed as

D’ =kt exp (%TQ)

where k is a material constant and Q is the activation
energy for growth. Experimentally determined values for
0 were developed for both the major (0=279 kJ mol ")
and minor (Q=257 kJ mol ') carbide axes.'* These
values compare well with similar results obtained by
Viswanathan er al® that were acquired on service
exposed samples. Nicholson proposed a somewhat
similar approach,® except he assumed that the carbide
particles remained spherical during growth. As a result,
his analysis generally underestimates the particle sizes
when compared to data obtained from service exposed
samples.

The general evolution of microstructure in ferritic
to austenitic DMWs is summarised schematically in
Figs. 17 and 18 for the as welded and aged condition. In
the as welded condition (Fig. 17), there is a sharp
concentration gradient within the PMZ that creates a
zone of high alloy content (relative to the low alloy steel)
and high hardenability. As a result, as quenched
martensite forms within the PMZ during cooling from
the weld thermal cycle. As quenched martensite also
forms in the HAZ of the low alloy steel. The regions of
as quenched martensite produce high hardness, but this
hardness decreases sharply near the interface between

(@)

16 Variation in carbide density with aging time at 625°C
as measured by number of carbides per unit length
for welds between 2-25Cr-1Mo steel and Inconel 182
filler metal
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17 Schematic illustration showing general evolution of
microstructure in ferritic to austenitic dissimilar welds
for as welded condition

the as quenched martensite in the PMZ and the austenite
region in the fusion zone. As shown in Fig. 18, upon
PWHT and/or aging in service, the concentration gradient
for the major alloying elements will generally not change
significantly, because the diffusion rates of these elements
are too low. However, the large change in C concentration,
combined with the Cr concentration gradient, produces a
C chemical potential gradient that is high in the ferritic
steel and low in the austenitic alloy. This leads to C
migration from the low alloy steel toward the fusion zone.
The PWHT and/or aging will temper the martensite and
reduce the high hardness associated with regions that were
originally as quenched martensite. However, migration
and concomitant enrichment of C leads to the formation of
type I and type II carbides in the interface region that
produce a highly localised increase in hardness.

Failure mechanism

Numerous investigations have been conducted of
both service and laboratory induced failures of
DMWs > -131517.29-34.39-51 3104 the failure mechanism
is now largely understood. There are generally four
factors that contribute to premature failure of DMWs
during high temperature service:
(1) the difference in CTE between the ferritic and
austenitic alloys causes a stress concentration
along the interface
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18 Schematic illustration showing general evolution of
microstructure in ferritic to austenitic dissimilar welds
for aged condition

(i1) an oxide notch often forms neat the fusion line
on the ferritic side of the weld that can
concentrate the stress even further

(iii) the highly localised changes in composition and
microstructure lead to large differences in creep
strength near the interfacial region

(iv) for DMWs prepared with nickel base filler

metals, the type I carbides that form along the
interface provide a site for nucleation and growth
of creep cavities that eventually lead to pre-
mature cracking. For DMWs made with stain-
less steel filler metals, cracking typically occurs
along the prior austenite grain boundaries
(PAGBs) in the ferritic HAZ at a location of
about one or two grains away from the fusion
line.
Figure 19 shows examples that highlight various fea-
tures of DMW failures.'***>% From a macroscopic view,
failures occur at the fusion line on the ferritic side of the
joint (Fig. 19a4). An example of oxide notching that can
occur on the ferritic side is shown in Fig. 19h. The
microstructural aspects of the failure are shown in
Fig. 19¢ and d. Figure 19¢ shows the typical morphol-
ogy observed for welds made with Ni base filler metals in
which failure is initiated along the row of type I carbides
that form along the interface. Figure 194 shows creep
cavitation associated with PAGBs that occurs in welds
made with stainless steel filler metals.'*'® These failure
mechanisms are not mutually exclusive. Failures of
DMWs made with stainless steel filler metals can often
exhibit oxide notches and cracking along both the

International Materials Reviews 2012 voL 000 NO 000

ONLINE
COLOUR
ONLY



DuPont

ONLINE
COLOUR
ONLY

10

Evolution of ferritic to austenitic dissimilar welds

a photograph showing failure along fusion line of ferritic steel; b example of oxide notching on ferritic side of weld; ¢
creep cavitation along row of type | carbides for welds made with Ni base filler metals;*® d creep cavitation associated

with PAGBs in welds made with stainless steel filler metals.
Features of dissimilar weld failures: images from a-c were acquired from weld made between 2-25Cr-1Mo steel and

19

316 stainless steel using IN182 filler metal; image from d was acquired from weld made between 2:25Cr-1Mo steel

and 316 stainless steel using stainless steel filler metal

PAGRBs and type I carbides. In addition, oxide notching
can often be the major contributing factor, particularly
in thin walled tubing where the oxide notch can
penetrate a significant thickness of the tube and lead
to a considerable increase in the local stress.

Figure 20 shows the temperature dependence of the
CTE for a variety of materials pertinent to DMWs. Note
that rather larger differences in CTE exist between
2-25Cr-1Mo steel and austenitic stainless steels. This
large difference in CTE, combined with the large
differences in creep strength across the interface, lead

20 Temperature dependence of coefficient of linear expan-
sion for selected base and weld metals used in con-
struction of dissimilar metal weldments
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to highly localised shear stresses along the fusion line
when a stainless steel filler metal is used.’®>* These
stresses can be exacerbated even further due to forma-
tion of the oxide notch that can develop in the ferritic
side of the weld. The oxide notch has been attributed to
the relatively poor oxidation resistance of the 2-25Cr—
1Mo steel and localised strain near the fusion zone that
can lead to repetitive oxide spallation.*®*® Thus, thermal
cycling can intensify this factor. The differences in CTE
mismatch can be reduced by the use of a trimetallic joint
involving alloy 800 (UNS N08800) with ERNiCr-3 filler
metal.

Recent experimental studies™' have confirmed that
most of the strain that occurs during creep deformation
is associated with the localised strain near the interface.
Figure 21 shows results from an instrumented creep test
on a weld involving 2-25Cr-1Mo steel and Inconel 82
filler metal where the extension was measured globally
(i.e. within the entire gage length) and locally along the
interface. The creep tests were conducted at 625°C in air
with a stress of 60 MPa. The extension near the interface
was recorded at the top and side of the fusion line. Note
that Fig. 21 plots the global and local values of the
actual extension (not strain), and the amount of global
and local extension during creep are very similar. This
confirms that most of the deformation is localised near
the interface due to the large strength gradients at that
location. The influence of environment on the creep
behaviour of DMWs is shown in Fig. 22.3% In these tests,
welds involving 2-25Cr-1Mo steel and Inconel 82 filler
metal where tested at 625°C and 60 MPa. Two samples



21 Creep rate from instrumented creep test on weld
involving 2-:25Cr-1Mo steel and Inconel 82 filler metal
where extension was measured globally (i.e. within
entire gage length) and locally along interface at top
and bottom of weld: creep tests were conducted at
625°C in air with stress of 60 MPa

were initially tested in air, while one sample was coated
(coating type not specified) to protect the surface from
oxidation. Note the large differences in creep rate
between the coated and exposed samples. After 356 h of
exposure, one of the originally uncoated samples was
coated and reintroduced into the creep test. This led to a
reduction of the creep rate. These results are significant in
two aspects. First, they demonstrate that creep testing for
purposes of acquiring design data need to be conducted in
an environment that closely simulates that expected in
service. Second, the results indicate that considerable
improvements in creep resistance should be possible with
the application of protective coatings. Unfortunately, this
area has not received considerable attention.

It is important to note that there are various sources
of stress beyond those due to normal operation that
contribute to premature failures and need to be
considered from a design perspective.'**® The stress
sources are typically divided into one of four categories:

(1) operating stresses that arise from pipe weight,
internal pressure, and thermal gradients through
the wall thickness

(i1) stresses that result from CTE mismatch and
residual stresses from welding

(iii) system stresses that arise due to mechanical

constraints of thermal expansion

DuPont Evolution of ferritic to austenitic dissimilar welds

ENiCrFe-1(FM 132)
ENiCrFe-2 (Weld A)
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10
Ratio of service life relative to Type 309

23 Comparison of relative creep life of welds from indus-
trial survey showing effect of filler metal on service
life of dissimilar welds (relative to 309 filler metal)

(iv) cyclic stresses due to thermal cycling that are
induced due to CTE and strength mismatch

Most of the early premature failures of DMWs involved
those in which ferritic steel was joined to stainless steel
using a stainless steel filler metal. It was initially suspected
that failure occurred within the decarburised region due
to the relatively poor creep strength at that location.
However, more detailed examinations acquired from
service failures'** have demonstrated that failure is
initiated along PAGBs in the ferritic steel HAZ (for welds
made with stainless steel filler metals). Thus, although
the presence of the C denuded zone may exacerbate
the problem by producing steep gradients in strength
mismatch along the interface, it does not appear to be a
necessary condition for failure. The welding of ferritic to
stainless steels is now typically performed with transition
joints and Ni base filler metals. The most commonly used
transition joint utilises an alloy 800H section that is
inserted between the ferritic and stainless steel alloys, and
an ERNiCr-3 filler metal is used. This joint design
minimises CTE mismatch along the interface.

As shown in Fig. 23, an industrial survey5 > has shown
that the use of the transition joint design typically extends
the service life of DMWs by a factor of ~5 compared to
direct welds between ferritic and stainless steels made
with stainless steel filler metals. A wide cap on the
2-25Cr—1Mo steel (in which the bevel angle of the joint is
increased near the surface of the weld) has also been

a strain rate out to ~4500 h; b results for early stages of creep out to 1000 h
22 Creep rates for weld involving 2:25Cr-1Mo steel and Inconel 82 filler metal showing influence of environment on
creep behaviour: creep tests were conducted at 625°C in air with stress of 60 MPa
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24 a creep life and b ductility of welds between 2-25Cr—1Mo steel and alloy 800H at 550°C over stresses from 90 to
250 MPa: data are shown for 2:25Cr-1Mo base metal, 2-:25Cr1Mo-to-2:25CriMo similar joint, and a dissimilar joint

between 2-:25Cr-1Mo and alloy 800H.

shown to provide further improvement, presumably due
to a reduction in stress concentration along the interface.
The wide cap is accomplished by simply increasing the
bevel angle of the joint near the surface of the weld.

Creep rupture properties

Many investigators have attempted to develop creep
rupture data of DMWs, in order to determine the
effective service life for a given set of stress, temperature
and environmental conditions. A review of the data
developed to date indicates this can be a difficult task
due to the complex changes in microstructure that
evolve during aging. Creep tests conducted at stresses
significantly higher than those expected in service often
produce short failure times in which the microstructure
partially responsible for failure does not have enough
time to properly develop. As a result, the failure
mechanism observed in the field is not properly
replicated in the laboratory and the usefulness of the
data is therefore questionable. Similarly, the environ-
ment can play an important role in reducing the overall
life due to preferential oxidation.*'*> This effect can, in
turn, be influenced by the test sample diameter when
the size of the degraded zone becomes an appreciable
fraction of the sample diameter. This raises the applied
stress on the sample significantly beyond the nominal
applied stress associated with the test. Creep tests
conducted under parameters that more closely simulate
the actual service conditions obviously provide data that
are more accurate for life time predictions, but these
tests may be prohibitively long and expensive. In view of
these factors, creep testing of DMWs requires careful
consideration, in order to utilise tests that provide
meaningful data within reasonable test times. The data
available are reviewed in this section for the purposes of:
(i) comparing available creep rupture data of
DMWs to that of existing data on 2-25Cr-1Mo
base metal and welds that are used for design
purposes
(i1) identifying important factors that need to be
considered in future testing
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(iii) identifying methods that may provide improved
performance.

Laha et al’ recently investigated the creep strength of
welds between 2-25Cr—1Mo steel and alloy 800H made
with IN182 filler metal at 550°C over a range of stress
from 90 to 250 MPa. Comparison was made between
2-25Cr—1Mo similar welds and base metal. The welds
were given a typical PWHT of 700°C for 1 h before
testing. Results of the rupture life and reduction in area
are shown in Fig. 24. Similar welds of 2:25Cr—1Mo steel
typically exhibit reduced failure times compared to the
base metal. This has been attributed to the inferior creep
resistance of recrystalised grains in the intercritical
portion of the HAZ. The dissolution of Mo,C carbides
within this region during the weld thermal cycle has also
been cited as a contributing factor to early fracture.’*>’
The DMW appears to provide better creep life than the
similar weld at high stresses and short rupture times.
However, at stresses below ~ 130 MPa, the life of the
DMW is below that of the similar 2-:25Cr—1Mo weld. A
difference in failure mode of the DMW was also
observed with changes in applied stress level. At stresses
above 150 MPa, extensive necking of the ferritic steel
was observed and failure occurred in the intercritical
region of the 2:25Cr-1Mo steel HAZ. As shown in
Fig. 24b, this produced failures with rather high
ductility. At stresses below 150 MPa, failure occurred
by intergranular creep cavitation in the coarse PAGBs
of the 2-:25Cr-1Mo steel with relatively little ductility.
The low ductility occurs because most of the deforma-
tion is localised along the weld interface, which is
typically observed in field failures.

Fracture along the coarse PAGBs that occurred at the
lower stress levels is similar to that which occurs in
relatively short times in the field for welds made with
stainless steel filler metals.'>!*!7 However, the observed
failure modes associated with the data in Fig. 24 at both
low and high stresses do not properly simulate that
observed in service for welds made with Ni base filler
metals. (i.e. creep cavitation at type I carbides). The
authors noted that some creep cavities started to develop
around the interfacial carbides, but these were not



25 Influence of PWHT condition and aging treatments on
creep properties of 2:25Cr—1Mo steel/alloy 800H joints
at 510°C (prepared with ERNiCr-3 filler metal)

associated with the final fracture. This indicates that the
stresses were too high, and the corresponding test times
too low to permit development of the interfacial micro-
structure and stress state responsible for failures
observed in the field.

Klueh and King® conducted tests on the same DMW
combination. The influence of various PWHT condi-
tions and aging treatments on the creep properties of the
joints at 510°C were evaluated. A summary of their test
results is shown in Fig. 25. Note that most of the applied
stresses are well above 100 MPa. All but three samples
exhibited high ductility failures (>65% reduction in
area) that occurred in the 2-:25Cr—1Mo steel, which are
not typical of those observed in service. The effect of
aging, either in the form of PWHT or artificial aging, is
to reduce the rupture life. This occurs because the aging
reduces the creep strength of the 2-25Cr-1Mo steel
(where the failure occurs). The three samples that failed
at longer times exhibited fractures near the fusion line in
a fashion similar to that described above by Laha ef al.’
Klueh and King suggested that the failure of DMWs
under both test and plant conditions is dominated by
oxide notch formation that is driven by a chromium
depleted region in the 2-:25Cr-1Mo steel near the
interface. As discussed above, the oxide notch can be
an important factor in many DMWs, but it is not the
primary cause of failure.

Parker and Stratford®'** recently recognised the
importance of test conditions for accurately simulating
the failure mode observed in the field. They conducted
tests at temperatures of 590, 605 and 625°C and reduced

a ‘new’ condition; b ‘aged’ condition

DuPont Evolution of ferritic to austenitic dissimilar welds

stresses of 30-80 MPa. The reduced stresses were used in
an attempt to provide increased failure lives and therefore
more closely simulate the field failure mode. The influence
of aging was also considered. Samples were tested in the
‘new’ condition, which only received a typical PWHT of
700°C for 3 h. ‘Aged’ samples were given the identical
PWHT treatment in addition to a thermal treatment of
625°C for 3500 h. This treatment was performed in order
to nucleate and grow the type I interfacial carbides that
are known to induce form creep cavities that eventually
lead to failure. Their data are provided in Fig. 26. The
new weld samples exhibited failure at the interface with
very low ductility via creep cavitation along the type I
carbides for all stress and temperature combinations
considered. The aged samples exhibited ductile failure
(typically >90% reduction in area) in the 2-25Cr—1Mo
steel away from the weld area at stresses of 60 MPa and
above. At applied stresses of 50 MPa and below, failure
of the aged welds occurred by creep cavitation around
the type I carbides. Thus, the conditions of this test
(<50 MPa) most accurately simulate service failures.
Most of the failure times associated with these tests were
between 1000 and 10 000 h, which are considerably
longer than those used previously in higher stress tests.
The difference in stress levels needed to simulate field
failures (stress <50 MPa in the aged welds, stress
<80 MPa in the new welds) can be attributed to the
tempering effect that the aging treatment had on the
2-25Cr-1Mo steel. Aging at 625°C for 3500 h decreases
the creep strength of the ferritic steel. Thus, the higher
stress levels produce considerable creep deformation in
the aged ferritic steel to the point where failure occurs by
plastic instability associated with necking. This effect
probably accounts for the relatively short failures times
at 80 MPa for the aged samples (and concomitant
reduced slopes of the stress versus temperature plots for
the aged samples in Fig. 26.) In the new samples, the
creep strength of the 2-:25Cr—1Mo steel is higher so that
deformation is more localised along the interfacial
region and leads to failure along this region. It is
important to note that, although actual service tem-
peratures may be below the 590-625°C range considered
in this work, the actual service lifetimes will be well
beyond the aging and failure times of 3500 to ~10 000 h
respectively. Thus, considerable softening of the 2-25Cr—
1Mo steel in service is expected, and applied stress levels
below ~ 50 MPa should be included in future creep tests

26 Results from creep tests at temperatures of 590, 605 and 625°C for welds between 2-25Cr-1Mo steel and 316 stain-

less steel made with Inconel 82/182 filler metal
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27 Larson-Miller plot of creep rupture data for wide
range of dissimilar welds involving ferritic steel and
Inconel type filler metals

in order to simulate service type failures. This aspect
requires careful consideration in future test programs.

There was relatively little difference in failure lives
between the new and aged samples that fractured via
creep cavitation. It might be expected that excessive
PWHTs and/or thermal aging will accelerate formation
of type I carbides and therefore lead to premature failure
times. The similarity in rupture lives between the new
and aged welds indicates that pre-existing carbides do
not accelerate creep cavitation. This implies that a
critical amount of strain is required for creep cavitation
to occur, and PWHT is not necessarily detrimental. The
deleterious effects of PWHT cited to date’ from
laboratory tests can actually now be understood. Most
of these data were generated for higher stress levels
where failure occurred in the 2-25Cr-1Mo steel due to a
reduction in creep strength, but this failure mode is not
typical of that observed in service. Thus, when tests are
conducted under conditions that properly simulate the
DMW failure mode, PWHT does not appear to have a
deleterious influence on service life.

Figure 27 shows creep rupture data in the form of a
Larson—Miller plot for DMWs from a wide range of
sources.'* Many of the welds were made using Inconel
type filler metal that is similar to that currently used for
joining low alloy steels to stainless steels. The low stress/
long time data are particularly useful since these samples
generally simulated the interfacial failure mechanism
observed in the field. The creep behaviour for 2:25Cr—
1Mo steel and Inconel 182 filler metal are shown (as
solid lines) in Fig. 27 for comparison. Note that, for the
limited data available, the reduction in failure life for the
DMWs compared to the 2:25Cr—1Mo steel base metal
appears to increase as the stress level is reduced.
Additional creep data are needed to more clearly
establish the long term performance of DMWs relative
to the ferritic base metal.

It is useful to consider additional factors beyond stress
and temperature that may influence the creep rupture life
of DMWs. This information could be useful for future
test programs in order to improve the consistency of
results between various laboratories and also establish the
relative influence of secondary factors on creep life. This
latter point could also be useful for improving the
performance of DM Ws in service. Some of the important
secondary factors that affect the creep life include the test
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environment (e.g. air versus inert atmosphere), sample
size, groove angle of the weld and filler metal composi-
tion. The test environment can clearly have a large
influence on the creep rupture time through formation of
an oxide notch, and the effect can be particularly strong
at high temperatures and small sample sizes. High
temperatures can induce an artificially high effect from
the oxide notch, because the oxidation rate increases
rapidly with increasing temperature. In addition, the
oxide will form a larger stress concentration and produce
an overall increase in the applied stress as the sample size
is reduced. This influence is observed in field failures,
where oxide notching can play a significant role in failures
of thin walled tubes, but becomes less important for
heavy wall pipes. This points to the need to develop
coatings that could be used to eliminate the oxide notch
effect, which would provide two advantages. First, it
could lead to improvements in creep life, particularly for
thin walled tubing. Second, it would permit test results
conducted in inert environments (or on coated samples)
to provide a more accurate representation of the
performance expected in service.

The influence of weld groove angle on creep life
appears to warrant further consideration. The results of
finite element (FE) modelling by King et al.> suggest that
the peak stresses in the weld can be reduced with a
reduction in the weld groove angle. However, industrial
experience suggests that wider groove angles improve
service life. It is interesting to note that review of a large
database for similar welds in 2-25Cr-1Mo steels®® also
did not reveal any systematic influence of weld groove
angle. Future work that combines FE modelling with
experimental verification appears necessary to resolve this
issue. The influence of filler metal type is now established
and has already been discussed, where Ni base filler
metals provide a significant increase in life over stainless
steel filler metals due to reduced C migration and
improved CTE matching.

Aging behaviour of filler metal

The fusion zone of welds made with ERNiCr-3 filler
metal will also undergo microstructural changes during
high temperature aging that have been shown to affect the
low temperature mechanical properties of the weld. This
has been investigated by Klueh and King®'** and more
recently Sireesha et al'>% Klueh and King® aged
ERNiICr-3 weld metal at temperatures between 510 and
677°C for up to 15 000 h. The influence of aging time and
temperature on the yield strength and ductility are shown
in Fig. 28, where a significant increase in strength and
reduction in ductility is observed during aging. Sireesha et
al.">% observed a similar effect on the toughness of welds
made between 9Cr-1Mo steel and alloy 800H using
ERNICr-3 filler metal that were aged at 625°C for up to
5000 h. The changes in hardness and impact toughness of
the welds are shown in Fig. 29, where an increase in
hardness and reduction in impact toughness are readily
apparent. The notches for the charpy impact tests were
placed in the fusion zone where the weld metal resides.
Thus, the results can be compared with the all-weld metal
data in Fig. 28.

These increase in strength and reduction in ductility
and toughness described above have been attributed to
both short range ordering and precipitation that occurs
in the temperature range of ~ 500 and 680°C. Klueh and
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a 0-2% offset yield strength as function of aging time; b ductility (in terms of uniform elongation, total elongation and

reduction in area) as function of aging time

28 Tensile tests data for dissimilar welds involving ferritic steel and Inconel type filler metals: tests were conducted at

room temperature at strain rate of 3x107¢s™'

King®' observed precipitation within the weld and
identified both precipitation and short range ordering
to be responsible for the property changes, but did not
identify the precipitates involved. Siressha er al'®
identified the precipitates as M,3Cs, Ni3Ti and NbC.
Images (SEM) of the charpy impact test specimens in the
as welded and aged conditions are shown in Fig. 30. The
as welded sample exhibits typical microvoid coalescence
and a relatively fine dimple spacing. The aged sample
also exhibits evidence of microvoid coalescence along
with evidence of precipitates on the fracture surface. The
precipitates and long range order are expected to
contribute to increased strength and decreased ductility.
The precipitates can also lead to premature fracture by
accelerating the microvoid coalescence process, since

29 Variation in room temperature hardness and impact
toughness of fusion zone for welds between 9Cr-1Mo
steel and alloy 800H (made using ERNICr-3 filler) that
were aged at 625°C
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they provide sites for decohesion between the particles
and matrix. Although the ductility and toughness are
still relatively high (i.e. total elongation values are
above 30% and impact toughness values are >50 J), the
changes are nonetheless significant and should be noted.

Remaining life estimation techniques

The potential for premature failure of DMWs provides
impetus for development of techniques for estimating
the remaining life of components in service. Several
approaches to this problem have been proposed and are
worth noting. In the simplest sense, the condition of
DMWs can be qualitatively assessed using metallo-
graphic techniques to examine the condition of the weld.
Since the microstructural mechanism of failure is known
(i.e. creep cavitation at type I carbides followed by
micro- and macrocrack formation), direct examination
of metallographic samples and/or replication techniques
can be applied to evaluate the extent of damage. The
qualitative relation between damage morphology and
remaining life for homogenous wrought materials is
known and shown schematically in Fig. 31, where the
microvoid and crack morphology is qualitatively related
to remaining life.* This qualitative relation requires
modification to account for the unique fracture features
of DMWs. With this approach, the inspection frequency
is typically increased when isolated creep cavities are
first identified, and component replacement would occur
before the link up of creep cavities. The challenge to this
approach is proper identification of critical components,
and locations within each component, that are most
vulnerable to creep damage. This can be difficult when
one considers that the area utilised for examination is an
extremely small fraction of the potential volume of
material that may be subjected to damage. Results from
FE thermal and stress modelling should be combined
with plant history data, in order to guide such an
assessment, and all the various sources of stress
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30 images (SEM) of Charpy impact specimens (tested at room temperature) in a as welded condition and b aged for

5000 h at 625°C

previously described should be considered. An additional
concern with the replication technique is that failure may
not always be most severe on the component surface
where the replication is acquired. In fact, some service
inspections®>%’ indicate that void formation and cracking
can initiate within the interior of the wall.

Figure 32 shows recent laboratory data that may serve
as the basis for potentially providing a more quantitative
approach to the relation between cavitation and remain-
ing life fraction.>"3> These data show the maximum
amount of cavities (measured in number of cavities per
unit length along the interface) as a function of life
fraction for DMWs between 2-:25Cr—1Mo steel and 316
stainless steel welded with Inconel 82 and 182 filler metals.
The butt welds were made on pipes with a 368 mm
outside diameter and wall thickness of 35 mm. Data for
all the ‘new’ welds and for ‘aged’” welds that exhibited low
ductility failure, generally lie on a single curve. These
samples all fractured by creep cavitation at type I
carbides. The aged samples tested at higher stresses failed
in the 2-:25Cr-1Mo steel and thus do not replicate field
conditions. Note that data for these welds generally fall
outside of the curve. It was noted that a cavity density of
about 400 cavities/mm existed just before crack forma-
tion, and this corresponded to ~85% of the creep life.
The instantaneous cavity density N at any given life
fraction ¢ can then be related to the cavity density at
fracture Ny associated with the end of life #.. The authors
propose a relationship of the form

31 Schematic creep curve in tension showing appear-
ance internal voids which develop a during steady
state creep, b at onset of tertiary creep, ¢ in tertiary
creep and d at failure
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t N\”

. =1 ( 1 Nf) 3)
where A is the Monkman—Grant constant. Figure 32b
shows experimental data along with a plot of equation (3)
using a value of 1=2-5, and a reasonable correlation is
obtained. Additional data are needed, particularly from
well documented field studies, to provide further experi-
mental verification of this potential technique. It should
also be noted that this approach is subject to the same
challenges described above for metallographic and/or
replication techniques.

A method has also been proposed for direct calcula-
tion of the damage fraction from operating para-
meters.**® The technique, known as prediction of
damage in service (PODIS), considers total damage
Do, to develop from three sources

Dror=D1+Dp+Ds 4)

where D; is the intrinsic damage associated with
temperature cycling due to changes in power loads, Dp
is damage associated with primary loads during steady
state operation that include both pressure and component
weight and Dg is damage from secondary bending loads
that arise from load cycling and creep rupture that
accumulates during hold periods. Loads associated with
the latter factor are considered strain controlled. They
will relax at elevated temperature, but will be regenerated
during temperature cycling. The value of Dror is
specifically defined as the amount of interfacial area that
has suffered damage due to voiding/cracking and is
therefore not capable of sustaining a load. For example, if
A, 1s the original interfacial area of the weld before
service and A4; is the amount of remaining interfacial area
that has not been damaged after some service time (and
therefore capable of carrying the load), then Dror is
given by

Ao _Ai
Ao

The technique is divided into two failure scenarios. Mode
I failure is associated with intergranular cracking along
PAGBs within the HAZ of the ferritic steel. As described
above, this occurs in welds made with stainless steel filler
metals. Mode II failure involves creep cavitation and
cracking along type I carbides associated with welds made
using Ni base filler metals. For mode II failure, Dy is

®)

Dror=

[Tlconsidered negligible due to the small difference in CTE
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32 a maximum amount of cavities (measured in number of cavities per unit length along interface) as function of life
fraction for DMWs between 2-25Cr-1Mo steel and 316 stainless steel welded with Inconel 82 and 182 filler metals and
b experimental data along with plot of equation (3) using value of A,=2-5

between the weld metal and ferritic steel. The values of Dp
and Dg for this case are then given by

N B
Dp=S Jyty100To) TP 6a
’ 21: 1 1—k108(To g1/ o
as
Ds=Y kan(es) + kst 10T | ———> | (6b)
21: 1 — ks 1020 /3

where m is number of loading conditions, op is primary
axial stress, og is secondary axial stress, 7., is incremental
time for a constant ap, £, is cumulative time from =0 up
to 1, T, 1s average operating temperature at steady state
loading conditions m, f(7,) and g(T) are functions of 7,
&g 18 strain range and k', y, f are constants.

Ryder and Dahms® provide more details on values of
the constants and the calculation procedure. The values
for the required constants were determined from both
laboratory and field data. Predictions were then com-
pared with additional data obtained from controlled
laboratory experiments or well documented samples
removed from actual plants. This approach assumes that
failure occurs by creep void formation along the row of
interfacial carbides, which has been verified experimen-
tally. It also assumes the intrinsic damage in welds made
with Ni base alloys is negligible and that the damage
estimate can be obtained by linearly summing the damage
from the remaining two components (Dp and Dg). The
first assumption is apparently invoked due to the reduced
CTE mismatch associated with the use of nickel base filler
metals.

Figure 33 shows a comparison of the calculated damage
to that observed experimentally, where the dotted lines are
for a 95% confidence interval. Reasonable agreement is
obtained between the measured and calculated values.
There are, however, a number of instances where the
predictions are non-conservative. It is possible that
additional data may be helpful for refining the constants
and improving the accuracy of the predictions.

Best practices

The practices that are currently utilised to maximise the life
of DMWs have been described in the various sections
above. They are briefly summarised here, due to their
importance during construction and operation. The major
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fabrication variables that must be considered include joint
design, filler metal type and application of PWHT.
Operational variables of major importance include oper-
ating temperature, temperature cycling, stress, and envir-
onment. The optimal design that is currently used for
joining ferritic steels to stainless steels is one that consists of
a low alloy steel/alloy 800H/stainless steel trimetallic joint.
Inconel 82 and/or 182 filler metals are used for each of the
two joints involved with this trimetallic member. These
transition sections are typically fabricated in the shop and
then two similar welds are made in the field. This
trimetallic transition approach helps reduce interfacial
stresses associated with CTE mismatch. The improvement
in service life associated with the use of Ni base filler metals
has been verified by both laboratory testing®® and industry
surveys.>

Early results®® suggested that application of a PWHT
was detrimental to the inherent creep life, particularly
when conducted at elevated temperatures and long times.
This may apply to welds involving stainless steels where C
migration and CTE mismatch is rather extensive. Early
concerns on the use of a PWHT may have arisen due to
the potential to nucleate and grow the carbides along the
fusion line that are known to contribute to premature

33 Comparison of calculated damage to that observed
experimentally using PODIS method, where dotted lines
are for 95% confidence interval
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a as welded condition; b weld prepared with 6 mm ‘butter’ layer of Inconel 82 on 2-:25Cr-1Mo steel, exposed to PWHT
at 725°C for 1 h, and then welded to 316 stainless steel using same filler metal (measurements were made on ~20 ym
of top surface layer of weld after measurement locations were electrolytically polished)

34 Residual axial stress distribution of welds between 2-25Cr-1Mo steel and 316 stainless made with Inconel 82 filler

metal

creep failure. However, more recent results of well
controlled laboratory studies have shown that use of a
PWHT does not alter the inherent creep life in any
significant way.>'3>367 Nicholson examined the influ-
ence of PWHT at 700°C on the carbide size and
distribution for times up to 8 h.**%” He observed that
application of a PWHT had a relatively minor effect on
the carbides compared to subsequent aging in service.
This is supported by available creep data that demon-
strate the creep life of DMWs is similar in the as welded
and PWHT conditions.***% Use of a PWHT is there-
fore expected to provide an overall beneficial effect due to
relief of residual stress. Verification of this has recently
been provided through residual stress measurements.
Joseph et al.® recently measured the residual stresses in
DMWs made in the as welded and PWHT condition.
Welds were fabricated between 2-25Cr—1Mo steel and 316
stainless steel using Inconel 82 filler metal with the gas
tungsten arc welding process. The pipe was 19-4 cm in
diameter with a 8 mm wall thickness. One weld was first
prepared with a 6 mm ‘butter’ layer of Inconel 82 on the
2-25Cr—1Mo steel, exposed to a PWHT at 725°C for 1 h,
and then welded to the 316 stainless steel using the same
filler metal. This buttering technique is used to avoid
PWHT of the 316 stainless steel that may sensitise that
alloy. The residual stress was also measured on a weld
made directly between 2:25Cr-1Mo steel and 316
stainless steel (using the same filler metal) without a
PWHT. Figure 34 compares the axial residual stresses
from each weld. The axial stresses are shown because they
are the most important orientation from a creep damage
point of view. The hoop stresses were also measured and
showed similar trends. As shown in Fig. 34a, a maximum
tensile axial stress of 350 MPa is observed in the center of
the weld metal in the as welded condition. The interface
between the weld metal and 2-25Cr—1Mo steel is the most
important location, since this is where failure is known to
occur. The residual axial stress at this location is 260 MPa
in the as welded condition. As shown in Fig. 34h, these
values are reduced considerably for the weld exposed to a
PWHT, where the maximum stress at the weld centerline
is reduced to 300 MPa, and the interfacial stress is
reduced to 180 MPa. Use of longer times may provide
additional stress relief and warrants further examination.
Thus, considering that PWHT provides significant stress
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relief and no observable reduction in creep rupture life,
use of this heat treatment should be beneficial for
extending the life of DMWs. Results from industrial
surveys also suggest that large included angles and
additional weld reinforcement are beneficial for increas-
ing service life.>> As mentioned above, additional
experimental results and FE analysis would be useful
for understanding the influence of these factors in more
detail.

The microstructural changes and preferential oxidation
that occur during aging are generally thermally activated
processes and are therefore expected to increase signifi-
cantly with increasing temperature. Similarly, higher
temperatures and/or large changes in temperature will
exacerbate the stresses generated from CTE mismatch.
Thus, DMW life is obviously expected to increase with
decreasing operating temperature. This is important from
a design perspective as it points to the need to place
DMWs in regions where the temperature is as low as
feasibly possible. Similar comments can be made with
regard to stress, and the various sources of stress need to
be minimised beyond those associated with normal
operation. Abrupt changes in wall thickness between
the ferritic and austenitic alloys should also be avoided in
order to minimise stress concentrations associated with
changes in geometry. Results from industry surveys>>’°
have demonstrated that DMWs are significantly more
prone to failure when located in high temperature/high
stress conditions, and this points to the need for
minimising failures through design strategies that reduce
stress and temperature to the fullest extent possible.
Lastly, any steps that can be applied to minimise
corrosion of the ferritic steel near the interface are
expected to extend the service life. This would include
placing the DMW in locations of reduced temperature
and/or less aggressive environments where excessive
oxidation will not occur. It appears that protective
coatings, which could possibly be locally applied to the
joint interface during fabrication, could offer a means for
improved performance.

Research in progress

Work is currently in progress to improve the high
temperature performance of welds made between ferritic
and austenitic alloys. One study is being conducted to



a yield strength; b tensile strength
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35 Short term/high temperature strength data of all-weld metal and cross-weld samples for dissimilar welds between

grade 91 and 347H made with P87 filler metal

develop a nickel base filler metal that can provide an
improved CTE match with the ferritic steel and reduce C
migration across the fusion line.>*** The filler metal is
primarily being developed for welds made between 9Cr—
1Mo (grade 91) type steels and austenitic alloys. The filler
metal contains C and Cr levels that closely match those of
the grade 91 steel in order to reduce the driving force
associated with C migration, and the CTE at 540°C is
nearly identical to that of the grade 91 steel. The filler
metal is commercially identified as P87. Evaluation of the
filler metal is in progress and preliminary mechanical
property measurements have been reported.

Short term/high temperature strength data of all-weld
metal and cross-weld samples for DMWs between grade
91 and 347H stainless steel made with filler metal P87 are
shown in Fig. 35.%* The yield strength of the all-weld
metal samples (Fig. 35a) is higher than 347H stainless
steel at temperatures considered and is only slightly below
that of grade 91 steel at 480°C. The yield strength is above
the grade 91 steel at higher temperatures. Similar results
were observed with the tensile strength for both all-weld
metal and cross-weld samples (Fig. 35b). Figure 36 shows
creep rupture results in the form of a Larson—Miller
parameter for welds made with various welding pro-
cesses. The grade 91 average and (and 20% below

36 Creep rupture results in form of Larson—Miller para-
meter for welds made with P87 filler metal using var-
ious welding processes: grade 91 average and 20%
below average values are also shown for reference
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average) values are also shown for reference. These
results were generally conducted at elevated stresses and
resulted in relatively short failure times. Failure locations
for tests conducted at the higher stress levels were in the
grade 91 base metal, while failures at the lower stress
levels occurred in the fine grained region of the HAZ in
the grade 91 material. Longer duration tests with
estimated rupture lives of ~10 000 h are in progress>*
and appear to be needed to simulate the failure
mechanism observed in the field. The results will also
provide useful data for comparison to the performance of
DMWs currently made with Inconel filler metals.

The fundamental cause of premature DMW failure is
associated with gradients in both composition and CTE
that exist across the fusion line. Thus, any long term
solution to the problem should strive to minimise these
gradients to the point where the adverse microstructural
changes and localised stress concentrations are reduced to
acceptable levels. One approach to this problem is to
develop functionally graded transition joints in which the
composition and concomitant properties are gradually
varied in a controlled manner over relatively large
distances. A schematic illustration of this concept is
shown in Fig. 37. With this approach, the compositions
at the ends of the transition joint match the ferritic steel
and austenitic alloy, and the composition is varied
gradually from one end of the joint to the other. The
graded transition joint can then be inserted between the
ferritic steel and austenitic alloy to permit the deposition
of two similar welds at either end of the joint, replacing
the single dissimilar weld that is prone to failure. This
would eliminate the sharp changes in composition,
microstructure and concomitant thermal and mechanical

37 Schematic illustration of graded transition joint concept
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38 Comparison of Ni and Cr concentration gradients along a dissimilar weld and b transition joint between 1080 steel

and 316 stainless steel produced with LENS process

properties, thus reducing or eliminating the DMW failure
problem.

Research has recently been conducted to demonstrate
the feasibility of this approach using the laser engineered
net shaping (LENS) direct metal deposition process.”’ A
transition joint between carbon steel and 316L stainless
steel was fabricated with a 75 mm length, outer radius of
16 mm and wall thickness of 6 mm. These dimensions
were chosen because they represent typical tube dimen-
sions used by the power industry for waterwall panels in
fossil fired boilers. The transition joint was fabricated by
first depositing 12-5 mm of SAE 316L stainless steel onto
an AISI 1080 steel substrate. Next, 50 mm of functionally
graded material were deposited in which the SAE 316L
composition changed gradually to AISI 1080 steel, and
concluded with 12-5 mm of AISI 1080 steel. The 1080
steel and 316L stainless steel alloys were chosen because,
at the time of fabrication, they were readily available and
had the powder particle size range required for LENS
processing. Microstructural characterisation results from
this transition joint are described below. As described
below, research is currently underway using more
industrially relevant alloys.

The variation in Ni and Cr concentration along the
transition joint described above is compared to that of a
conventional DMW in Fig. 38. In the transition joint,
the graded material between the ends varies gradually

from 316L stainless steel to 1080 carbon steel. The
concentration of all other alloying elements across the
joint also varied in a smooth manner. The length of the
composition gradient in the transition joint is ~60 mm,
which is ~ 1000 times greater than the corresponding
concentration gradient shown for the dissimilar metal
weld (Fig. 38@), which is ~50 um in length. The
variation in microhardness across the joint is presented
in Fig. 39. The extremities of the 316L and 1080 ends of
the transition joint are noted in the figure. The hardness
changes in a relatively smooth fashion with two notable
exceptions. Local increases in hardness occur at the
interface between the functionally graded material and
the AISI 1080 end and the final layer of the 1080 steel.
Microstructural characterisation showed that the first
local increase in hardness was attributed to a mixed
austenite/martensite microstructure. The second region
of high hardness is attributed to as quenched martensite
of the last layer of 1080 steel that is not tempered by
the heating of subsequent layers. These high hardness
regions occur due to the high carbon content of the 1080
powder that was used only for feasibility purposes. They
can be minimised by the use of ferritic steels with lower
C contents that are more representative of power plant
steels.

Work is currently in progress to refine this technique
for designing and fabricating graded transition joints

39 Comparison of hardness gradient along a dissimilar weld and b transition joint between 1080 steel and 316 stainless

steel produced with LENS process
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40 Conventional DMW joint design utilised for FE modelling

with optimal performance.’? Thermodynamic and kinetic
simulations are being used to identify the required length
of the gradient needed to minimise the C migration
problem, and FE calculations are used to estimate graded
transition lengths that minimise stress concentrations due
to CTE mismatch. Preliminary graded joints have been
fabricated and utilised for microstructural and initial
mechanical property characterisation.

Stress analysis was first conducted on a conventional
DMW design commonly used in fossil fired power plants.
These results served as a baseline in order to assess the
effectiveness of graded transition joints for minimising
stresses due to CTE mismatch. The DMW design is
shown in Fig. 40. The joint is ~160 mm in length and
joins a section of 2-:25Cr—-1Mo steel with 347H stainless
steel using an interlayer of IN800. Finite element models
of the conventional DMW and graded transition joints
were created using the ANSYS FE software to determine
the von Mises stress distribution in the joints. The joints
were assumed to be stress free at 0°C. The stress
distribution within the joints were simulated at an
operating temperature of 650°C with a 20 000 N applied
tensile load. The rotational symmetry allowed a two-
dimensional model to be made for the three-dimensional
geometry, and the hatch marked face in Fig. 40 shows the
shape of the actual FE model. Stress distributions in the
graded joints were determined by modelling the system as
a layered structure in which the properties within each

41 Results from simulation of uniform tube model with
all T22 material showing von Mises stress distribution
for 20 000 N applied tensile load at 650°C
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42 Results from original DMW joint model showing von
Mises stress distribution with 20 000 N applied tensile
load at 650°C

layer are constant, but vary continuously from layer to
layer within the joint. A reduction of the layer width has
the effect of smoothing out the mismatch in material
properties and thus reducing the stress. This approach is
justified based on the expected features of actual
transition joints that have recently been fabricated’? in
which the composition (and therefore properties) of each
layer within the joint are constant. This also provides a
convenient method for stress minimisation by control of
the layer width. An optimisation program was used to
minimise the von Mises stress within the graded joints by
adjusting the layer width and physical dimensions.

Figure 41 shows the von Mises stress distribution for a
joint with dimensions shown for the DMW in Fig. 40, but
with uniform material of 2-25Cr—1Mo steel. These results
are useful for separating stress concentrations that arise
due to changes in material properties and geometry across
the joint. Here the maximum stress occurs in the thinner
walled tube and is 36 MPa. This stress is slightly higher
than the 32-4 MPa obtained by simply dividing the total
load (20 000 N) by the cross sectional area of the thinner
walled tube. The slight increase is due to the tapered
geometry of the joint. Figure 42 shows the stress
distribution in the DMW. Note that high von Mises
stresses of ~240 MPa form immediately around the
dissimilar material interfaces where failure is well known
to occur. Figure 43 shows the stress distribution obtained
when the load is increased to 20 000 N while holding the
temperature fixed at 20°C, and Fig. 44 shows the opposite
case in which the temperature is gradually increased to
650°C while no load is applied. The maximum stress is
only ~33 MPa with the application of just the load. In
contrast, the maximum stress due to CTE mismatch
caused by the increase in temperature is nearly 240 MPa,
which is similar to the effects from the combined load and
temperature increase that was shown in Fig. 44. This
result highlights the significance of CTE mismatch in
producing high local stresses in DM Ws.

Figure 45 shows the stress distribution for several
graded transitions with various numbers of layers in the
joint. The total length of the joint is fixed at 120 mm.
Thus, the individual layer width is given simply by the
total joint length (120 mm) divided by the number of
layers in the joint. The maximum stress within the graded
joint decreased significantly as the number of layers
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43 Results from simulation of original DMW joint shown
with varying tensile loads (0, 4000, 12 000 and 20 000 N)
applied at 20°C

increased. A stress reduction down to ~50 MPa was
observed for a transition joint with 30 layers, which can
be compared to the ~240 MPa level observed for the
DMW joint exposed to the same conditions (650°C,
20 000 N tensile load). It was possible to provide further
reductions in stress level down to ~40 MPa by locally
increasing the wall thickness of the graded joint in high
stress locations. This value is close to the materially
homogenous joint (Fig. 41) of ~36 MPa.

Carbon diffusion as a function of time and temperature
was modeled using DICTRA kinetic software.”> The
model used was similar to that described previously.”*”>
The composition, operating time and temperature were
input as variables to determine the length of the graded
region necessary to minimise carbon migration from a
2-25Cr-1Mo low alloy steel to IN800. This interface was
modelled, because it exhibits the steepest C chemical
potential gradient and is therefore most susceptible to
carbon migration.

Figure 46a shows calculated carbon concentration
profiles in the unaged condition, and after 2 and 20 years
of service for the case in which the composition changes

44 Results from simulation of original DMW joint shown
at varying temperatures (20, 200, 400 and 650°C), with
no tensile load applied
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45 Results from FEA model of graded transition joint
shown for varying number of grade layers with 20 000 N
applied tensile load at 650°C

rather abruptly from 2-25Cr-1Mo to IN80O over a
relatively short distance of 1 mm. Note that the carbon
content in the 2-25Cr-1Mo steel drops from 0-12 to
<0-04 wt-%, while there is a local increase near
~0-3 mm where the carbon concentration increases to
~0-135 wt-%. The location of the carbon peak corre-
sponded to a peak in the M,3;Cq4 carbide content. These
calculated results are consistent with those observed in
practice, where a carbon depleted region forms in the
ferritic material and a carbon enriched band of carbides
forms along the fusion line in the austenitic material.
Figure 46b and ¢ show similar results in which the grade
length is increased to 5 and 25 mm, respectively. The
carbon migration problem is significantly reduced in the
grade with a 25 mm length. This is attributed to the
reduced carbon chemical potential that occurs with the
larger grade length. The grade length required to
minimise carbon migration will increase with increasing
operating temperature due to an increase in carbon
diffusivity. Figure 47 shows a summary of kinetic
calculations, where the grade length required to reduce
carbon migration to ten percent for a given temperature is
shown. The results in this figure were obtained by
repeating the calculations shown in Fig. 46 for tempera-
tures between 500 and 650°C, and determining the grade
length required to reduce carbon migration to ten percent
for each temperature.

The modelling results described above provide useful
insight into design requirements of graded transition
joints. Research has been initiated to fabricate and test
graded joints to verify the expected level of improvement.
Fabrication was performed with a dual wire gas tungsten
arc process in which the individual layer compositions
within the joint are varied by simply adjusting the relative
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46 Predicted change in C concentration (calculated with
DICTRA) at 500°C across joint between T22 and alloy
800 after 0, 2 and 20 years of simulated service for
grade lengths of a1 mm, b 5 mm and ¢ 25 mm

filler metal feed rates of each alloy. This procedure
eliminates some of the previous limitations encountered
with the LENS process. The use of wire avoids the need for
production of rather expensive powders associated with the
LENS process. In addition, previous research has shown
that only about 5-14% of the powder is actually deposited
with the LENS process, with the remaining being wasted.”®
As a result, it is difficult to control the heat flow and deposit
composition with powders, because the precise amount of
powder that enters into the liquid pool is unknown. With
wire filler metal, all of the material is fed directly into the
melt pool and thus the composition can be more precisely
controlled. This also permits higher deposition rates of
~3 kg h™!, compared to ~0-2 kg h™' with LENS process.

Figure 48 provides an example for a transition joint
made between 2-:25Cr—1Mo steel and alloy IN800. This
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47 Predicted length of graded joint required to keep car-
bon migration below 10% after 20 years of simulated
service for temperatures between 500 and 650°C

figure shows energy dispersive spectrometry measurements
which reveal how the concentration of major alloying
elements (Fe, Ni and Cr) varies across the transition joint.
Note that the composition varies gradually from that of
the 2:25Cr-1Mo steel to the IN80O over a distance of
~ 50 mm. Also provided is the variation in microhardness
along with the expected phase distribution within the joint.
The predicted boundaries between the austenite and
martensite regions were obtained by matching the measured
nickel and chromium equivalents to the austenite and
martensite phase boundaries on the Schaeffler diagram.
There is a local increase in hardness between 20 and 30 mm
that, according to the Schaeffler diagram, should corre-
spond to the formation of martensite. This was verified
through microstructural analysis. The local hardness peak is
probably not desirable as it may lead to strain accumulation
along the joint. The presence of martensite within the grade
cannot be avoided,® due to the requirement of transitioning
from ferrite to austenite from one end of the grade to the
other. However, it should be possible to minimise this local
hardness through a post-fabrication heat treatment. The
hardness gradient in conventional DMWs occurs over
~50 um, which is a much higher hardness gradient than
that shown in Fig. 48 that occurs over ~5 mm. In addition,
it is possible to reduce this hardness gradient further by
simply reducing the composition gradient within the region
where martensite forms. Long term testing is required to
determine the potential effect of the hardness gradient on
the creep behavioor.

The high temperature properties of graded transition
joints must be established before use. Figure 49 shows the
tensile properties of the 2:25Cr—1Mo/IN800 transition
joint as a function of temperature. The minimum
properties for the IN800 and 2-25Cr—1Mo steel are also
shown for reference. The ductility and yield strength
generally fall within the range for the end member alloys,
while the tensile strength of the graded joint seems to
follow the lower strength material at each temperature. In
general, yielding followed by eventual fracture is expected
to occur in the weakest region of the joint. However, there
are other factors to consider when interpreting tensile
data from graded materials. For example, the yield
strength of the transition joint can be increased due to
constraint of deformation in a soft region from a hard
neighbouring region that restricts plastic flow. In addi-
tion, work hardening of any soft region can produce a
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48 Variation in composition, microhardness and expected
phase balance across 2-25Cr-1Mo/IN800 transition
joint (A, austenite; M, martensite): ‘0’ position refers
IN800 to transition joint interface and ‘50 mm’ position
corresponds to location for 2:25Cr—1Mo steel

shift of the fracture from the region of initial deformation
to another region. In any case, the results indicate that the
transition joint should provide adequate short term
tensile properties since the data generally fall within the
range of wrought alloys that are used to make the grade.
Creep testing is required to establish the long term
behaviour of these joints relative to conventional DMWs
and provide any insight for further optimisation that may
be needed. Such tests are in progress and will be reported
in the future.

Summary and future research

Microstructural evolution and premature failure of
ferritic to austenitic DMWSs have been reviewed. The
microstructure of DMWs in the as welded condition
consists of a sharp chemical concentration gradient
across the fusion line that separates the ferritic and
austenitic alloys. Upon cooling from the weld thermal
cycle, a band of martensite forms within this concentra-
tion gradient due to high hardenability and the relatively
rapid cooling rates associated with welding. Upon aging
during PWHT and/or high temperature service, C
diffuses down the chemical potential gradient from the
ferritic steel toward the austenitic alloy. This can lead to
formation of a soft C denuded zone near the interface in
the ferritic steel, and nucleation and growth of carbides
on the austenitic side that are associated with very high
hardness. These large differences in microstructure and
hardness occur over very short distances across the fusion
line (about 50-100 pm). A band of carbides also forms
along the fusion line in the ferritic side of the joint. The
difference in hardness across the fusion line increases with
increasing aging time due to nucleation and growth of the
interfacial carbides.

Premature failure of DMWs is generally attributed to
several primary factors, including: the sharp change in
microstructure and mechanical properties across the fusion
line, the large difference in CTE between the ferritic and
austenitic alloys, formation of interfacial carbides that lead
to creep cavity formation, and preferential oxidation of the
ferritic steel near the fusion line. In general, the large
gradient in mechanical properties and CTE serve to
significantly concentrate the stress along the fusion line

2012 voL 000 NO 000
imr199.3d 28/3/12 16:43:59

International Materials Reviews

International Materials Reviews

The Charlesworth Group, Wakefield +44(0)1924 369598 - Rev 7.51/W (Jan 20 2003)

a elongation; b yield strength; ¢ tensile strength

49 Tensile properties as function of temperature for
graded transition joint between T22 and alloy 800: ten-
sile tests were performed in air at strain rate of
0-005 min~'; two samples were tested at each tem-
perature; solid lines represent minimum nominal alloy
data according to ASME code; data points are for
transition joint

where a creep susceptible microstructure has evolved
during aging. Presence of an oxide notch can concentrate
the stress even further. Details of the failure mechanism
and the relative importance of each factor varies. For
DMWs made with Ni base filler metals, creep cavitation
occurs in the ferritic steel along the row of carbides that
form near the fusion line. For welds made with stainless
steel filler metals, creep cavitation occurs along the PAGBs
at a distance of about one to two grains from the fusion
line. In thin walled tubing, the oxide notch can penetrate a
relatively large fraction of the tube wall and play a major
role in the failure. These mechanisms are not mutually
exclusive, and mixed modes of failure can be observed.
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Current best practices for fabricating DMWs include
the use of Ni base filler metals (to reduce C migration
and CTE mismatch) and placement of welds in low
temperature/low stress locations to the fullest extent
permitted by design. Avoiding locations of aggressive
environments that may accelerate the corrosion compo-
nent of failure can also be effective. A variety of stress
sources need to be considered, such as those from tube
weight and steam pressure, in addition to stresses from
through wall thermal gradients, temperature fluctua-
tions, residual stresses from welding and mechanical
restraint. Additional steps to prolong the life include the
use of wide groove angles, reduction in geometrical
changes across the weld joint and added weld reinforce-
ment. The use of a PWHT does not appear to
significantly affect the creep life of DMWs, and the
heat treatment should be advantageous for reducing
residual stress. Research is currently in progress to
develop a new Ni base filler metal and graded transition
joints for extending the life of DMWs.

Several areas warrant further research to provide a
better understanding of the high temperature behaviour
of DMWs and potentially improve performance. A
larger creep rupture database would be helpful for more
accurately establishing the long term service life, and any
additional tests should be carefully designed to properly
simulate the failure mechanism observed in the field. In
particular, stress levels used for future creep tests should
be below approximately 50-80 MPa in order to properly
simulate field failures and provide data representative of
service. Post-test characterisation of the creep samples is
an important step in this effort to ensure the failure
mechanism produced in the laboratory is representative
of that observed in the field. The effect of gaseous
impurities on the creep rupture behaviour should be
established in more detail, especially for thin walled
tubing applications in which corrosion can be an im-
portant component of failure. For applications in which
environment may play an important role, investigations
on the use of coatings may be warranted to improve
service life. Long term creep tests that are supported by
detailed post-test characterisation are needed for
recently introduced P87 filler metal to confirm the
expected improvement in performance for DMWs
involving P91 type alloys. Similarly, the creep rupture
behaviour of graded transition joints needs to be
established relative to conventional DMWs. These
results may also point to opportunities for improving
the performance of transition joints by optimising the
gradients in composition and associated properties
within the joints. Modern modeling techniques should
be combined with experimental results to guide this
optimisation.
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